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a b s t r a c t

An axisymmetric compression test was used to study the effect of hot deformation and double

tempering on the microstructure and hardness of a H21 tool steel. The compression tests used a

constant true strain rate of 0.01 s�1, and were performed in the temperature range 1000–1100 1C after

austenising at temperatures of either 1100 or 1250 1C. The double tempering was carried out at 650,

750 and 800 1C, with air cooling in between the first and second temper. An overview of the flow curves

and the characterisation of microstructures showed no evidence of dynamic recrystallisation. The

increase in flow stress with decreasing austenising and deformation temperature was attributed to

dislocation movement and the presence of fine and dispersed carbides causing a Zener pinning effect.

Without double tempering, the highest hardness was measured after austenising at 1250 1C, followed

by deformation at 1000 1C and water quenching (617 HV). No secondary hardening phenomena

occurred after double tempering for samples that were first subjected to hot deformation, and the

highest double tempered hardness (354 HV) occurred after a double temper at 650 1C following an

austenising temperature of 1250 1C and subsequent deformation at temperature of 1000 1C.

& 2013 Elsevier B.V. All rights reserved.

1. Introduction

The H21 tungsten hot work tool steel is widely used for high
working temperature applications, such as die-casting dies and
forging dies due to its resistance to deformation at elevated
temperature, high hot hardness, and high compressive strength [1].
This tool steel contains a high concentration of carbide forming
elements that tends to promote segregation and form brittle
eutectic carbide networks, which consequently decreases the
toughness [2]. The H21 tool steels are usually used in the heat
treated condition. This heat treatment involves austenising to
dissolve the carbides, followed by oil quenching which transforms
the austenite to martensite. Finally, these steels are tempered to
produce a secondary hardening effect, which provides high
strength at both ambient and elevated temperatures. Previous
work [3,4] has reported that it is difficult to dissolve the carbides
during the austenising process due to the thermodynamic stability
of the carbides. Thus, the carbide networks are still present after

austenisation, and as a consequence, the hot workability of the tool
steel is reduced.

Earlier investigations [5–7] reported that the controlled thermo-
mechanical processing (TMP) is an effective method to control the
microstructure, break up the carbide network and optimise the
mechanical properties owing to refinement of the carbides and their
uniform distribution. Furthermore, through TMP, the austenite grain
size will be refined as a result of strain accumulation producing a
higher density of nucleation sites and consequently refinement of
final microstructure, as reported in [8–10]. However, the carbide
forming elements in the tool steels present problems to hot
deformation in terms of a narrow hot working temperature range
[11]. The lower limit is defined by the type, size and morphology of
carbides located along the grain boundaries and within grain
interiors. The upper limit is determined by the incipient melting of
eutectic carbides and by segregation of low melting point phases
along the grain boundaries [4,12]. Though the studies on tool steels
are extensive [4,13–17], the study of the effect of combining TMP
and a double tempering process on the H21 tool steel is still limited.
In this paper, microstructural evolution and variation of hardness
during hot deformation and double tempering of a H21 tool steel
were investigated. The precipitation behaviour was also studied. It is
intended that this information will add to the existing knowledge
base regarding the choice of appropriate hot deformation and
heat treatment parameters to achieve desired microstructure and
properties.
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2. Experimental procedure

The chemical composition (wt%) of the investigated H21 tool
steel is shown in Table 1. This tool steel was melted at 1590 1C
using a vacuum induction laboratory furnace with air cooling to
produce an ingot of square cross-section with size
28.5�7�6.5 cm3. The high temperature axisymmetric compres-
sion tests were carried out on a SERVOTEST thermomechanical
compression (TMC) machine. The samples were 12 mm in dia-
meter and 15 mm in height and had thermocouple holes of
1.1 mm in diameter in the middle and 5 mm depth. The schedule
for the investigation process is shown in Fig. 1.

The samples were heated up to the respective austenising
temperatures at a rate of 15 1C/s and were held at the tempera-
ture for 10 min for equilibration. The samples were then cooled to
the respective deformation temperatures at a rate of 2 1C/s, held
for 10 min, and then deformed to a true equivalent strain of 0.5 at
a constant true strain rate of 0.01 s�1 followed by water quench-
ing. The deformation tests were done at three different tem-
peratures, namely 1000, 1050 and 1100 1C with austenising
temperatures of 1100 and 1250 1C. The deformed samples were
cut along the longitudinal compression axis and prepared for the
double tempering process, and optical and scanning electron
microscopy (SEM) using the standard metallography procedures.
The double tempering process was carried out with three differ-
ent tempering temperatures, namely 650, 750 and 800 1C [1] with

air cooling in between the first and second tempering stages. The
SEM studies were conducted on a JEOL 6400 equipped with EDS
and an INCA software and operated at 20 kV, and an Inspect F
microscope. For additional confirmation of the types of carbides,
X-ray diffraction of bulk specimens was performed using cobalt
radiation. The specimens were scanned in the 2y angle range 30–
1301 with a step size of 0.021 and a counting time 11/min. Thin
foils of some deformed samples were prepared for TEM studies
using a standard electrolytic jet polishing method. The TEM work
was performed on a Philips 420 microscope operated at 120 kV
and a JEOL 2010F operated at 200 kV. The hardness was measured
using a CV Instrument Vickers hardness tester (model 430 AAT)
with load 10 kg and dwell time 15 s. The average diameter of the
carbides was measured without differentiation or type by type
using an ImageJ software. More than 1500 carbides for each
condition were quantified.

3. Results and discussion

3.1. As cast structure

The microstructure of the as cast H21 tool steel consisted of
ferrite and carbides, which was predominantly located along the
grain boundaries.

The back scattered electron SEM images showed only one type
of carbide that appeared as white particles with rodlike, spherical
and irregular morphologies, Fig. 2. These carbides were identified
by SEM–EDS as M6C carbides with the typical EDS spectrum in
Fig. 2 showing the high W and Fe peaks and with W content four
times that of Cr. Quantitative SEM–EDS of the M6C carbides gave
1% V, 4.2% Cr, 16.6% W and 78.8% Fe (wt%). Fine carbides were
identified by TEM as MC carbides having diameters between 5
and 10 nm (Fig. 3). The presence of ferrite and M6C carbides was
also confirmed by XRD (Fig. 4).

The peak positions of the ferrite agreed well with the ICDD
card numbers 3-411 and 54-331 and the peak positions for the
M6C (Fe3W3C) carbides were in good agreement with the ICDD
card number 41-1351. Thus, the Fe3W3C carbide was the main
primary carbide in the tool steel. The as-cast hardness was
48376 HV.

3.2. Flow stress

Fig. 5 shows the flow curves of the H21 tool steel after hot
deformation at 1000, 1050 and 1100 1C following different aus-
tenising temperatures. The Qdef value was not calculated because
this study only focused on one strain rate (0.01 s�1). To get an

Table 1
Chemical composition of the investigated tool steel (wt%).

Tool steel C Si Mn P S Cr Mo Ni W V Co

H21 0.3 0.3 0.3 0.03 0.02 3.1 o0.02 0.3 7.5 0.4 o0.02

Fig. 1. Schematic diagram of high axisymmetric compression and double temper-

ing process.

Fig. 2. Back scattered SEM image and EDS spectrum of M6C carbides of as cast H21 tool steel.
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overview of the flow curve behaviour, and to correct the effects of
deformational heating, the flow stress was calculated using Qdef

(607 kJ/mol) that was taken from the literature [18], taking into
account hot working with a similar strain rate, chemical composi-
tion of steel and volume fraction of carbides.

The shapes of all flow curves were almost identical, i.e.,
fluctuation features and no peak in flow curves which are
indicative of no dynamic recrystallisation having occurred. It
can be seen clearly in Fig. 5 that the flow stress increased with
decreasing austenising and deformation temperatures. This indi-
cated that the temperature had a significant effect on the flow
stress, which has been attributed to dislocation movement
[19,20]. The movement of dislocations became easier with
increases in the austenising and deformation temperatures, and
hence the resistance of the material to deformation decreased.
Meanwhile, at lower austenising and deformation temperatures,
the mobility of the dislocations decreased owing to the increased
dislocation density and degree of dislocation tangling, which
enhanced the resistance to plastic deformation.

3.3. The effect of austenising and hot deformation temperatures

It is well known that the microstructure of a material strongly
affects its flow behaviour during deformation. The applied low
strain rate and hot deformation would provide longer time for
energy accumulation and higher mobility of boundaries for the
nucleation and growth of dynamically recrystallised grains and
dislocation annihilation. However, the microstructure and beha-
viour of the flow curves showed no evidence that dynamic
recrystallisation (DRX) had occurred. Fig. 6 is a bright field TEM
image showing the elongated subgrain structures that were
present in the lath martensite, typical for dynamic recovery.
During hot deformation, the formation of subgrains due to
dislocation annihilation and rearrangement decreased rapidly
the energy stored in the steel [21].

In this study, there were two dominant factors affecting the
absence of DRX in the H21 tool steel, which had high content of

Fig. 4. X-ray diffractogram of the as cast H21 tool steel.

Fig. 5. Flow curves of the H21 tool steel after deformation at 1000, 1050 and

1100 1C with different austenising temperatures (TD is deformation temperature).

Fig. 6. Bright field TEM image after austenising at 1100 1C and deformation at

1100 1C showing elongated subgrain in the martensite lath. A prior austenite grain

boundary (PAGB) is indicated by dashed line, prior martensite laths are indicated

by dotted lines and sub-grain boundaries are indicated by full lines.

Fig. 3. Bright field TEM image showing the fine dispersed spherical MC carbides of

the as cast H21 tool steel and selected area diffraction pattern of a MC carbide.
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carbide forming elements that produced a significant volume
fraction of carbides in the as cast condition. First, the type and
volume fraction of carbides present and second, the presence of
dispersed carbides after hot deformation. According to Karagoz
and Fischmeister [22], the rate of carbide dissolution during
austenisation increases in the sequence MC, M6C, M7C3 and
M23C6. The MC and M6C carbides are thermodynamically stable
carbides and do not completely dissolve even at high austenising
temperature [23]. After austenising for 10 min, undissolved MC
and M6C carbides still existed in the material that was subjected
to hot deformation. The undissolved carbides shown in Fig. 7
were M6C and were confirmed by back scatter imaging. The fine
MC carbides were observed by TEM (see below). These undis-
solved carbides are believed to play an important role in retarding
the recrystallisation owing to their presence before any recrys-
tallisation could occur [21], and cause a Zener pinning effect. The
grain boundaries were pinned by the carbides, subsequently
suppressing any dynamic recrystallisation and stabilised the
deformed or recovered microstructure. Carbide precipitates have
an important role as pinning agents keeping grain boundaries in
place [24,25]. Milovic et al. [26] reported that carbide precipita-
tion retarded the dislocation movement and also the movement
of subgrains and grain boundaries, thus suppressing dynamic
recrystallisation. The Zener pinning effect became stronger when
the volume fraction of these carbides was higher. The higher the
austenising and deformation temperatures, the more the carbides
were dissolved into the matrix, and as a result, the Zener pinning
effect was decreased, as demonstrated by the decreasing flow
stress as shown in Fig. 5.

Fig. 7 also shows that the morphology of the carbides in all
experimental conditions of this study was almost the same as that
of the as-cast structure. The broken carbides were distributed
everywhere, not only along the grain boundaries, but also in the
grain interiors. The deformation temperature influenced the
carbide network in the direction perpendicular to the compres-
sion axis and reduced the carbide size effectively. It was noted
that at the lower austenising and deformation temperatures,
the undissolved carbides were more refined and uniformly dis-
persed and closely spaced. In general, after hot deformation the
average carbide size was less than 1 mm. Dispersed precipitates
after hot deformation are known to promote the retardation

of recrystallisation. With a sufficiently small spacing of thermo-
dynamically stable precipitates, it is possible to keep the deformed
or recovered microstructure up to high temperatures, and subse-
quently increase the retention of the dislocation substructure at high
deformation temperatures, thus providing a strengthening mechan-
ism in addition to that of the precipitates [21]. In this work, the most
dispersed and finest of M6C carbides with average carbide size of
�0.2 mm were observed after austenising at 1100 1C followed by
hot deformation at 1000 1C. This is consistent with the flow curves
that show that the highest flow stress was obtained after austenis-
ing at 1100 1C and deformation at 1000 1C. No cracks were observed
in all the deformed specimens.

TEM analysis was carried out to characterise the microstruc-
tures. Fig. 8 shows that the microstructure of the tool steel
following hot deformation and water quenching consisted of
martensite and carbides. The morphology of martensite was of
lath type, which is consistent with previous investigations on
steels with carbon contents less than 0.4 wt%, and was heavily
dislocated [27–29]. The width of martensite laths varied between
0.1 and 0.4 mm, and they were slightly parallel to each other. The
morphology of martensite did not change significantly at all the
deformation and austenising temperatures; however, the width of
the laths was slightly smaller at higher austenising temperatures
due to the larger driving force, producing finer martensite laths
with a corresponding increase in the hardness. Fig. 8 also shows
qualitatively that the higher the austenising and deformation
temperatures, the more the free dislocation areas, which indi-
cated lower dislocation density.

The presence of MC carbides that play an important role in
retarding the recrystallisation in the as quenched microstructure
was confirmed using bright field TEM and SAD (see Fig. 9). The
fine spherical MC carbides with size 5–10 nm were observed in
the lath martensite. The morphology and size of the MC carbides
remained unchanged compared with the as cast condition.

Fig. 10 shows micro-twins appearing in the lath martensite
with an average spacing of around 20 nm. To analyse the forma-
tion of micro-twins, an additional experiment was performed in
which the H21 tool steel was austenised at 1250 1C (without
deformation) and then water quenched. TEM analysis of the as
quenched sample without deformation found very fine micro-
twins in the microstructure, Fig. 11. The formation of micro-twins

Fig. 7. Secondary electron SEM images of the H21 tool steel after hot deformation and water quenching.
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Fig. 9. Bright field TEM image of a martensitic lath showing the MC carbides in the deformed H21 tool steel as indicated by arrow (left) and diffraction pattern of

the MC carbide (right).

Fig. 8. Bright field TEM images after austenising and deformation. The inset of (a) shows selected area diffraction pattern of martensite region.
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can be explained as follows. During austenisation, the carbides
were dissolved into the matrix producing a local area of austenite
enriched with carbon. When the rapid cooling was performed,
this carbon was trapped in the retained austenite and this
retained austenite, rich in carbon, transformed to martensite with
micro-twin formation. This formation of micro-twins is more
affected by rapid cooling than by the deformation process itself.

TEM analysis has also confirmed that lower bainite was
present after deformation at 1000 1C and water quenching. A
bainite plate with a curved surface can be seen in Fig. 12, due to
deformation-induced lattice curvature present in the former
austenite grains prior to transformation [30].

Xiao et al. [31] suggested that the presence of undissolved
carbides can affect the bainite transformation. Undissolved car-
bides enable the composition of the austenite to be inhomoge-
neous during deformation and retard dislocation movement,
producing a higher density of dislocations near the carbide. As a
consequence of the increased dislocation density and high diffu-
sivity paths, the carbides can dissolve, the carbon concentration
becomes higher, producing localised carbon segregation in the
hot deformed austenite that subsequently promotes cementite
carbide precipitation during the bainite transformation, produ-
cing the area with decreasing carbon concentration, which sti-
mulates the nucleation of bainite. In this study, (i) as the
deformation temperature decreased, the volume fraction of
undissolved carbides increased and the bainite transformation
was more pronounced and (ii) the SEM–EDS data shown in Fig. 13
would suggest that the carbon content near the undissolved
carbide was slightly higher than that of the martensite area far
away from the carbides. These observations could explain why
the undissolved carbides influenced the bainitic transformation.
However, internal stresses during the transformation from aus-
tenite to martensite can also accelerate the formation of bainite
[32] as well as the stress applied during hot deformation that
produces a high density of dislocations that can affect the bainite
transformation by increasing the driving force and transformation
kinetics, and reducing the incubation period [33,34].

TEM investigation also found the presence of retained auste-
nite using the dark field technique. Fig. 14 shows the banded
morphology of retained austenite in the H21 tool steel after hot
deformation and water quenching.

The banded morphology of the retained austenite seems to
further indicate that no recrystallisation had occurred during the

Fig. 10. Bright field TEM image after austenising at 1250 1C and deformation at

1000 1C showing microtwins.

Fig. 11. Bright field TEM image after austenising at 1250 1C and water quenching

(without deformation) showing microtwins.

Fig. 12. Bright field TEM image after austenising at 1250 1C and deformation at

1000 1C showing the presence of lower bainite (arrow indicates curved surface).
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time interval following deformation to the start of the transfor-
mation. The diffraction pattern in Fig. 14 shows that the orienta-
tion of the phases between martensite and austenite was in good
agreement with the Kurdjumov–Sachs relation [35]. Although
quantitative measurements of the volume fraction of retained
austenite were not made, a qualitative assessment indicated
that a larger volume fraction of retained austenite was associated
with a higher austenising and deformation temperature as a
result of more carbides being put into solution, and thus, the C
content in austenite was getting higher. The stability of retained

austenite is considered to be related to the C content in the
austenite phase and the higher the C content, the more stable the
retained austenite.

3.4. The effect of double tempering on the microstructure

Due to the high alloying content, it is strongly recommended
to temper the hardened tool steel at least twice to improve the
toughness and thermal stability of the microstructure which
would not be achieved by a single tempering process [1]. The
double tempering process also increases the secondary hardness
as reported in other investigations [36,37]. A TEM investigation
was carried out to support the microstructure analysis. The
resulting microstructure consisted of tempered lower bainite,
and tempered martensite, with precipitates located along the
grain boundaries and within the lath boundaries.

TEM images of the H21 tool steel after isothermal double
tempering for 1 h at 650 1C with air cooling in between the first
and second stages in Fig. 15 show that the lath morphology was
still present and the cementite precipitates can be seen clearly.
Needle-shaped cementite precipitates were located within lath
and lath boundary and the dislocations were prone to form
networks by recovery especially along the grain boundaries. The
appearance of cementite precipitates within laths and lath
boundary indicated that cementite precipitation occurred in the
early stages of tempering. The cementite grew by increasing the
tempering temperature [38–40]. The microstructures in Fig. 15
also show that the dislocations formed networks through a
recovery process. The latter was not completed as indicated by
free dislocations inside a prior martensite lath. The partial
recovery was probably due to insufficient time being available
for completing the recovery process. The recovery seemed to be
more effective at a higher austenising temperature (Fig. 14b and
d) and a higher deformation temperature (Fig. 14c and d). This
was attributed to the lower dislocation density at the higher
austenising and deformation temperatures.

In this study it is believed that no retained austenite remained
in all double tempered conditions. During the first tempering,
retained austenite transforms to lower bainite in the temperature
range 230–300 1C [23,41] and the stability of retained austenite
decreases with increasing tempering temperature.

Fig. 15b shows the formation of tempered lower bainite. The
major difference between tempered martensite and tempered
lower bainite is that the cementite precipitates in lower bainite
occur frequently on one crystallographic variant of the orientation
relationship. The major axis of the cementite forms parallel arrays
at about 601 to the axis of the bainitic lath whereas, in tempered
martensite, the carbides tend to precipitate in the Widmanstätten
arrays. The occurrence of single variants in lower bainite as
illustrated in Fig. 15b is due to the small driving force for
cementite precipitation where carbon can diffuse very fast away
from the supersaturated ferrite [42].

The TEM images presented in Fig. 16 show the H21 tool steel
after isothermal double tempering at 800 1C with air cooling in
between the first and second stages, and illustrate that the lath
morphology had disappeared and equiaxed grains tended to form
with clear boundaries and larger carbides. The TEM images in
Fig. 16 also show clearly that the carbides located along the grain
boundaries were larger than those within the grain interiors
which would suggest that the stable carbides nucleated first in
the grain boundaries and grew rapidly and replaced non-stable
carbides within the grains. In summary, the growth rate of the
carbides was faster at the grain boundaries [43]. The formation of
alloy carbides to replace cementite carbides occurred by nuclea-
tion at prior austenite grain boundaries that are energetically
favourable nucleation sites [44]. At the higher austenising

Fig. 14. Dark field TEM image showing retained austenite (Tg¼1100 1C,

TD¼1000 1C). The inset shows the selected area diffraction pattern taken at the

interface between retained austenite and martensite with 011
h i

g== 111
h i

a.

Fig. 13. EDS data of the H21 tool steel after austenising at 1250 1C and deforma-

tion at 1000 1C.
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temperatures, the cementite carbides became slightly coarser.
The thickness of cementite carbides was finer at the lower
austenising and lower hot deformation temperatures, but the
refinement of cementite carbides was not clear when tempering
at 800 1C due to the presence of secondary carbides that coar-
sened rapidly.

3.5. The hardness behaviour

The austenising temperatures affected the hardness of the
steel in the as-quenched and double tempered condition
(Table 2).

The higher austenising temperature with and without defor-
mation gave higher hardness than that of the lower austenising
temperature. The highest hardness with deformation (617 HV) of
the H21 tool steel occurred after austenising at 1250 1C, followed
by deformation at 1000 1C. The highest hardness without defor-
mation (574 HV) occurred after austenising at 1250 1C. This was
attributed to a higher volume fraction of carbides dissolved into
the matrix at higher austenising temperatures, thus enriching
the matrix with alloying elements. The hardness increased
with decreasing deformation temperatures at both austenising

temperatures, owing to the higher volume fraction of dispersed
carbides that existed at lower deformation temperatures.

The temperature at which double tempering took place also
affected the hardness of the tool steel. Table 3 shows the hardness
variation as a function of tempering temperature.

The double tempered hardness after hot deformation
decreased significantly and was lower than the hardness after
double tempering without deformation (505 HV), and the double
tempered hardness decreased continuously with increasing tem-
pering temperature at both austenising temperatures. However,
the double tempered hardness after austenising at 1250 1C was
higher than that at 1100 1C. As explained before, this is because at
higher austenising temperatures, more carbides were dissolved
into the matrix, giving a higher super saturation and driving force
for precipitation, which in turn provided more nucleation sites for
carbide precipitation during the double tempering process.

The highest double tempered hardness (354 HV) occurred
after double tempering at 650 1C with austenising temperature
of 1250 1C and deformation temperature of 1000 1C. The values
are lower and far from the desired hardness, which is 450–
550 HV [1]. This implies that the operating temperature for the
H21 tool steel after experiencing hot deformation should be less
than 650 1C. Softening of hot work tool steels during tempering

Fig. 15. Bright field TEM images after austenising, hot deformation and double tempering showing the formation of tempered lath martensite (a, c and d) and tempered

lower bainite (b).
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has been strongly connected with the evolution of carbide
precipitation and martensite decomposition. Deformation
affected the tempering resistance of the tool steel resulting in
rapid softening as the deformation temperature increased. The
deformation accelerated the sequence of carbide precipitation in
which the fine carbides (M2C) that are responsible for secondary
hardening were gradually replaced by coarse cementite carbides
during tempering at 650 1C [45]. The acceleration of carbide
precipitation was due to an increased vacancy concentration by
the deformation and the local residual strain which created more

opportunities for carbide nucleation and greater mobility of
carbide forming elements [46]. Higher tempering temperatures
resulted in a decrease in hardness due to coarsening of carbide
precipitates and the recovery of the dislocation-rich martensitic
structure and ferrite grain growth. No secondary hardening
occurred. This implies that in the tool steel of this study, the
secondary hardening during double tempering after hot deforma-
tion occurs below 650 1C.

4. Conclusions

The primary carbides observed in the as cast H21 tool steel
were predominantly of M6C type, which were tungsten-rich
exhibiting an fcc crystal structure, and MC type carbides. The
hot deformation process showed that no dynamic recrystallisa-
tion occurred for all processing parameters. The as quenched
microstructure after hot deformation consisted of lath martensite,
lower bainite, retained austenite and carbides. The relationship
between the product martensite and parent austenite was in good
agreement with the Kurdjumov–Sachs orientation.

The flow stress, microstructure and hardness data indicated
that the optimum hot deformation condition was after austenis-
ing at 1250 1C and subsequent deformation at 1100 1C. After hot

Fig. 16. Bright field TEM images after austenising, hot deformation and double tempering.

Table 2
Effect of hot deformation on hardness.

Austenising

temperature (1C)

Hardness (HV)

Hot deformation and

water quenching

Water quenching (without

deformation)

Deformation

temperature (1C)

1000 1050 1100

1250 61774 58971 56971 57471

1100 57074 53573 52472 53677
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deformation and double tempering, the microstructure of the
investigated tool steel consisted of tempered martensite, tem-
pered lower bainite and carbides. No secondary hardening phe-
nomenon occurred after double tempering at 650, 750 and 800 1C
for samples that were first subjected to hot deformation. It is
concluded that the operating temperature for the H21 tool steel
after experiencing hot deformation with the conditions used in
this study should be less than 650 1C.
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